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The Behavior of Ni, Ni-60Co, and Ni3Al during One-Dimensional
Shock Loading
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The response of pure nickel (Ni), a binary Ni-60 at. pct cobalt (Co) alloy exhibiting a low
stacking fault energy (SFE), and the ordered face-centered-cubic (fcc) alloy Ni-24Al-0.01B to
shock loading has been studied using the technique of plate impact. Changes in the variation of
mechanical properties with shock amplitude and pulse duration have been explained in terms of
a shift from dislocation dominated to twin dominated plasticity in the case of the Ni-Co alloy
and the increasing eﬀect of brittle failure in the case of Ni3Al.
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I. INTRODUCTION
THE response of materials to high loading rate
situations has been a source of much interest since
World War II. Typically, this has concentrated in the
ﬁelds of ballistics and armor development, but more
recently applications such as crash test worthiness, high
rate forming and machining, satellite protection, and the
aerospace industry have also made investigations in this
area. In particular, the development of jet turbine
engines requires knowledge of the response of materials
to impact events of importance to understanding and
developing predictive models describing material re-
sponse under bird strike, foreign object damage, and
blade containment loading environments.
Shock wave testing of materials can be performed
using a variety of techniques including explosive load-
ing, and more commonly using launcher-driven plate
impact. This technique uses a ﬂat and parallel ﬂyer
plate, which is accelerated down a smooth bore gun
either by a powder propellant breech or by using
compressed gas. It is impacted onto an equally ﬂat
and parallel target plate, which is aligned to the ﬂyer to a
tolerance of less than 1 mradian (25 lm over 50 mm or 5
optical fringes). At high impact velocities (100 m s-1 and
greater) a planar shock wave is generated, behind which
conditions of one-dimensional (1-D) strain prevail
(assuming the material is isotropic) until release waves
from the edge of the target reach the measurement
location. Under these conditions, the strain (e) is
accommodated down the impact axis while the strains
perpendicular to it are zero due to inertial conﬁnement.
As a consequence, there must be a conﬁning stress (r)
operating in these directions; thus,
ex 6¼ 0 ¼ ey ¼ ez and rx 6¼ ry ¼ rz 6¼ 0 ½1
where x refers to the loading axis and y and z refer to the
orthogonal directions to x. A more complete description
of materials under shock loading conditions can be
found in the review article of Davison and Graham.[1]
The response of any material to external loading, at
quasi-static strain rates or the extreme conditions of
shock loading, will be governed by the microstructural
features it possesses, such as crystalline structure, grain
size, second phases, or previous strain history (i.e.,
dislocation and or twin density). The properties of
metallic materials are often manipulated by the addition
of alloy elements, and thus the eﬀects of solution
strengthening and precipitation hardening have been
studied for a great many years. While such research has
been performed in great detail for materials designed for
applications under more conventional loading regimes,
similar work for high-strain rate and impact/shock-
loading applications (i.e., armor and armor defeat from
the military, bird strike and blade containment in the
aerospace industry, and satellite protection from orbital
debris) is developed to a much lesser degree. For this
reason we have chosen to investigate the response of
nickel (Ni) and two of its alloys to shock loading.
As a pure face-centred-cubic (fcc) metal, Ni has
received in-depth study, and its behavior under shock
loading (discussed in more detail subsequently), both
mechanically and microstructurally is reasonably well
understood. The two alloys we investigate are Ni-60 at.
pct cobalt (Co), and Ni-24 at. pct aluminum-0.01 at. pct
boron. In the case of the ﬁrst alloy, Co was chosen as an
addition for the following reasons. Although Co itself
possesses a hexagonal-close-packed (hcp) structure,
at 60 at. pct Co the alloy itself is fcc from room
temperature to its melting point.[2] In addition, Ni and
Co atoms are similar in terms of atomic number (28 and
27, respectively), atomic weight (58.69 and 58.93 ram),
and atomic radii (135 pm for both). As this is a
substitutional alloy, Co additions to Ni lead to small
local atomic mismatches. However, data presented by
Gallagher[3] show that Co alloying additions reduce the
stacking fault energy (SFE, c) in Ni signiﬁcantly from
~200 ergs cm-2 to between 20 to 80 ergs cm-2 at 60 at.
pct Co. The SFE is known to have a major inﬂuence on
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the mobility and cross-slip propensity of dislocations,





where l is the shear modulus and a is the lattice
parameter. As partial dislocations must travel as pairs,
wider spacing increases the diﬃculty of their motion and
the likelihood of tangling due to a reduced ease of cross-
slip. Therefore, at quasi-static strain rates, this results in
increased work-hardening rates. Under shock loading
conditions, the most thorough work investigating the
role of SFE was performed on copper-aluminum alloys
by Rohatgi and his colleagues.[4–7] As aluminum content
increased to 6 wt pct, SFE reduced from 78 ergs cm-2 in
pure copper to 6 ergs cm-2. At shock stresses of 10 and
30 GPa, it was found that these alloys showed an
increased propensity to twin as aluminum content
increased and thus SFE decreased, with only alloys of
less than 0.2 wt pct aluminum deforming purely by
dislocation generation and storage. Recovered samples
deformed purely in 1-D strain[4,6] were mechanically
tested and compared to the annealed reference state,
taking into account the imposed shock strain. It was
observed that in these recovered samples, the increased
strength (due to shock loading) decreased but the work
hardening increased as the SFE decreased. In the high
SFE alloys and pure copper, it was suggested that the
rapid increase in dislocation density during the shock
saturated the substructure and thereafter reduced the
ability for the material to generate and store new
dislocations when reloaded. In the low SFE materials,
much of the shock deformation was accommodated by
deformation twinning. Thus, when reloaded at quasi-
static strain rates deformation could be accomplished by
further dislocation generation. This was further con-
ﬁrmed by diﬀerential scanning calorimetry (DSC).[4]
Although the existing literature on the shock response
of Ni-Co alloys is not extensive, the best example being
that of Trunin et al.,[8] Ni itself has been studied
extensively. The eﬀect of prior cold rolling on the shock
loading of Ni was studied by Rose et al.[9] The hardness
of recovered samples of shocked samples was observed
to reach a near constant level, i.e., the saturation stress,
regardless of the prior degree of cold work. This led
them to suggest that stacking faults and twins did not
contribute signiﬁcantly to the shock-hardening process.
However, Kressel and Brown[10] demonstrated that the
dislocation and point defect concentration increased
approximately eightfold in shock-loaded Ni, when
compared to that of a cold-rolled equivalent at 0 C,
taking into account the equivalent plastic strain.
Grace[11] also showed that shock-loaded Ni (and indeed
copper) experienced pronounced hardening compared
to the unshocked material.
More signiﬁcantly, Murr and Kuhlmann-Wilsdorf[12]
examined the shocked microstructure of Ni as a function
of pulse amplitude and duration. Deformation was
observed to occur via dislocation generation and stor-
age, with the dislocations arranging themselves upon
relaxation into cell walls. At 25 GPa, dislocation density
and cell size was seen to be near constant with increasing
pulse duration. However, below durations of ~0.5 ls,
the deformation structure was not fully developed,
which suggests that there was a time dependence in the
shock response. This reasoning is consistent with the
research of Wright and Mikkola[13] on Cu-Ge alloys
shocked for short pulse durations. The authors suggest
that steady-state conditions were achieved at ~1 ls.
Dislocation cell size was also observed to be inversely
proportional to shock amplitude. Greulich and Murr[14]
further showed that the initial microstructure (in terms
of grain size or orientation) had little eﬀect upon the
ﬁnal shocked microstructure. Twins were also noted at
stresses above 35 GPa, forming in grains that were
preferentially orientated such that the [001] crystallo-
graphic zone axis was parallel to the loading axis. Twin
formation itself increased with peak shock stress ampli-
tude and grain size. Below this stress, the residual (post
shock) yield strength displayed a Hall–Petch-type rela-
tionship with original grain size. Where twinning
occurred, the intertwin spacing was also seen to follow
a Hall–Petch-type relationship with the postshock yield
strength, in agreement with the more recent work of
Rohatgi and his colleagues.[4–7]
The eﬀects of temperature on the shock response of
Ni have been investigated by Meyers et al.[15] at tem-
peratures of 77 and 300 K. At 77 K, cells were seen to be
less well developed. Their results also indicated that cell
size was dependent upon pulse duration, although they
conceded that this may be due to deviations from 1-D
strain caused by inadequate lateral momentum trapping.
Follensbee and Gray[16] used carefully controlled
momentum trapping techniques[17] while quantifying
the shock hardening behavior of Ni with two grain sizes
(40 and 225 lm) and two single-crystal orientations to
the loading axis ( 111h iand 100h i). As was shown by the
previous investigations, defect generation and storage in
these Ni-based materials was seen to occur via disloca-
tion generation and dislocation cell formation, respec-
tively. When compared on a resolved shear stress-shear
strain basis, little diﬀerence in the magnitude of shock
hardening was seen due to grain size or crystallographic
orientation in the case of the two single crystals,
although cell size was noted to be somewhat smaller in
the single crystals. Compared to pure Ni, alloys such as
Ni-20 pct Cr and Ni-16 pct Cr-7 pct Fe, were shown to
display a greater propensity of deformation twinning,[18]
consistent with the reduction of SFE, as discussed
previously concerning copper-aluminum alloys.[4–7]
The shock response of complex ordered Ni-based
alloys, such as superalloys (i.e., Mar-M200), has been
investigated only in terms of their shock response such
as the Hugoniot elastic limit (HEL, the yield strength
under 1-D strain) and spall (shock-induced tensile)
strength. Dandekar and Martin[19] showed that the HEL
of Mar-M200 underwent signiﬁcant precursor decay
(i.e., reducing with specimen thickness). Zaretsky
et al.[20] examined the mechanical behavior of two
superalloys as a function of temperature. They showed
that the strength of these materials gradually decreased
with temperature until reaching an abrupt reduction
between 550 C and 600 C. This was ascribed to
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variations in the heat capacity associated with the
equilibration of short-range order in the fcc matrix of
these materials. These data raise questions concerning
the behavior of the hardening phase in superalloys, the
ordered fcc intermetallic compound based on the
composition Ni3Al.
A wealth of literature has investigated the mechanical
and microstructual response of Ni3Al to mechanical
loading at quasi-static strain rates,[21–23] including its
well known positive dependence of strength upon
temperature explained by the Kear–Wilsdorf locking
mechanism,[24] whereby a/2[110] dislocations on the
{111} planes cross-slip onto the {100} planes where they
are eﬀectively sessile. As cross-slip is thermally acti-
vated, this mechanism explains how strength increases
with temperature. Also, Ni3Al has been shown to be
capable of achieving useful levels of ductility through
careful alloying by Aoki et al.,[21] through a slight
reduction in the aluminum content and small additions
of boron (~0.1 wt pct). Research to date on the high
strain rate response of Ni3Al and its derivatives is more
scarce. Sizek and Gray[25] examined its behavior under
quasi-static and intermediate strain rates (0.01 to
8000 s-1) using the split Hopkinson pressure bar
(SHPB). They demonstrated that the positive tempera-
ture dependence of strength occurred over the entire
strain rate range. However, at higher strain rates, the
ﬂow stresses did not reach a peak at ~600 C, but rather
continued to climb. They suggested that this is due to
the suppression of dynamic recovery processes at these
high strain rates. At low (room temperature and below)
temperatures, yield strength was seen to vary only
slightly with strain rate. This was attributed to the low
Pierels stress on the dominant 110h i 111f g slip system,
further conﬁrmed by microstructural analysis. At higher
strain rates, strength was observed to be more strain rate
dependent, presumably as the 110h i 100f g slip system
became more inﬂuential.
Under shock loading conditions, Gray[26] shock
prestrained and recovered Ni3Al samples under condi-
tions of 1-D strain. As with pure Ni, he showed that it
displayed enhanced hardening compared to the unde-
formed material. In a later work, Albert and Gray[27]
used transmission electron microscopy (TEM) to show
that under shock loading the preferred deformation
mode was planar slip on the {111} planes. In addition,
deformation was accommodated by twin formation,
also on the {111} planes with an assumed direction of
112h i. Katsantseva et al.[28] shocked and recovered
single crystals of a superalloy, consisting of approxi-
mately 90 pct by volume of Ni3Al. By loading up to a
maximum of 100 GPa, they indicated that there was a
phase transition from the fcc L12 structure to the
tetragonal D022 phase. Computational work by Geng
et al.[29] also suggested that there is an order-disorder
reaction at ~205 GPa. Finally, a body of work has
considered shock-induced chemical formation of Ni3Al
from elemental powders.[30,31]
In a series of articles, the authors have investigated
the eﬀect of shock loading on Ni and its alloys with
Co[32,33] and aluminum.[34] The purpose of this article is
to discuss the inﬂuence of alloying and crystallographic
order on the shock response of Ni, Ni-60Co, and Ni-
24Al-0.01B.
II. EXPERIMENTAL TECHNIQUES
All shock loading experiments were performed by
launching ﬂyer plates of either dural (aluminum alloy
6082-T6) or copper (ﬂat and parallel to ±5 lm) into
equally accurately machined plates of the target mate-
rials. Dural and copper were chosen as ﬂyer materials
because their shock responses are well documented in
the literature.[35] The impactors were attached to poly-
oxymethylene sabots with a recessed front surface to
ensure that the rear of the ﬂyers was unconﬁned. These
were launched at velocities of 180 to 900 m s-1, using a
single stage, 50-mm bore, 5-m long gas gun.[36]
A. Equation-of-State Measurements
Experiments were performed to determine the varia-
tion of impact stress (rx) and shock velocity (US) with
particle velocity (up, the velocity of material ﬂow behind
the shock front) for the three materials studied. A
manganin stress gage (MicroMeasurments type LM-SS-
125CH-048, Measurements Group UK, Ltd., Basing-
stoke, United Kingdom) was either placed between
~5-mm plates of the target material or supported on the
rear of the target plate with a 12 plate of polymethyl-
methacrylate (PMMA), with the gage oﬀset into the
PMMA by ~1.5 mm to act as further protection. A
second gage was supported on the front of the target
with a 1-mm-thick plate of either dural or copper,
matched to the material of the ﬂyer. In this way, that
gage would experience the internal stress within the
target itself. The shock velocity was determined from the
known thickness of the sample (Dw) and the temporal
spacing of the traces (Dt), taking into account the degree
of insulation around the gages (US = Dw/Dt). Gage
calibrations were according to the work of Rosenberg
et al.[37] The Hugoniot (variation of stress with particle
velocity) was determined using impedance matching
techniques, assuming conservation of momentum across
the ﬂyer/target interface.
B. Spallation Measurements
Flyer and target geometries were chosen such that the
release fans from the rear of the ﬂyer and target met in
the middle of the target plates. Variations of pulse
duration were achieved by varying the thickness of the
ﬂyer/target pairs, and stress amplitude by employing
diﬀerent ﬂyer plate velocities. Measurements were made
by supporting manganin stress gages (MicroMeasur-
ments type LM-SS-125CH048) on the rear of the target
plates with 12 mm of PMMA, with the gage backed into
the PMMA by ~1.5 mm. Gage calibrations were as
discussed previously. As the gage measurements were
made in the PMMA, they were converted to in-material
values using the dynamic impedances (Z = qUS) of the
PMMA and the target material, and the measured stress
values (rP); thus,
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rmaterial ¼ ZP þ Zm
2ZP
rP ½3
where m refers to the state within the material itself.
C. Lateral Stress and Shear Strength Measurements
The 8-mm plates of the target materials were sec-
tioned in half, and a manganin stress gage (MicroMea-
surments type J2M-SS-580SF-025) was introduced
~4 mm from the impact face. Targets were then reas-
sembled using a low viscosity epoxy adhesive and held in
a special jig for a minimum of 12 hours. The impact
faces were then lapped such that they were ﬂat to a
maximum of 5 fringes from a monochromatic light
source. In this orientation, the gages were sensitive to
the lateral (or conﬁning) component of stress (ry). From
prior knowledge of the Hugoniot, the shear strength (s)
can be determined through the well-known relation:
2s ¼ rx  ry ½4
Voltage-time data from the gages were converted to
stress-time using the methods of Rosenberg and Par-
tom,[38] with a modiﬁed analysis that does not require
prior knowledge of the impact conditions.[39] In addi-
tion, in a very recent work,[40] we have shown that the
geometry of the stress gage at low stresses can inﬂuence
the ﬁnal result and consequently must be accounted for.
Finally, the experimental error on the gage traces has
been quoted at ~2 pct.[37] Additional errors will occur
through inaccuracies in thickness measurements, precise
thickness of the gage layer (a combination of the gage
element itself, the insulating layers around it and the
precise thickness of the epoxy adhesive), and small
misalignments between the ﬂyer plate and target
assembly. These will have a cumulative eﬀect, but we
believe that the maximum error on the gage records is
~5 pct.
Further details of all three experimental sets can be
found in previous publications.[32–34] A schematic dia-
gram of the target assemblies is presented in Figure 1.
All materials were characterized before shock loading in
terms of their sound speeds, using quartz transducers
operating at 5 MHz, employing a Panametrics PR5077
pulse receiver (Panametrics, Coventry, United King-
dom). Some of the samples were recovered afterwards
for subsequent metallographic analysis. It should be
emphasised that the full 1-D recovery techniques devel-
oped by Gray[41] were not used. However, it was felt that
diﬀerences noted between these similar materials would
still provide valuable initial insight into their diﬀerent
responses to shock loading.
III. MATERIALS DATA
The pure Ni and the Ni-60Co were received in the
form of ~60-mm forged bar stock (Special Metals,
Wiggins, Hereford, United Kingdom). The original
ingots were cast into tapered iron molds and air-cooled.
The cast microstructure was broken down by hammer
forging at 1080 C. The Ni3Al was manufactured from a
gas atomised powder, canned in a mild steel container
and extruded at 1273 K. Further details concerning the
processing of the Ni3Al can be found in an earlier
reference.[25] We present the as-received microstructures
for all three materials in Figure 2.
The compositions of the Ni and Ni-60Co are pre-
sented in Table I. The composition of the Ni3Al (in at.
pct) was 24.1 pct aluminum, 0.095 pct boron, balance
Ni. The acoustic properties are presented in Table II.
It can be seen that the grain sizes in the otherwise
similar Ni and Ni-60Co are very diﬀerent, with that of
the alloy being smaller. This can be explained through
examination of Eq. [2]. During hot working to break
down the cast microstructure, the greater spacing of the
partial dislocations in the alloy will restrict their
mobility, and hence lead to a greater build up in
dislocation density. This, in turn, will increase the
propensity for dynamic recrystallization during forging,
resulting in a ﬁner forged grain size.
IV. RESULTS
In Figure 3, typical gage traces from an experiment to
determine the equation of state, in this case for Ni,
impacted with a 5-mm copper ﬂyer plate at 730 ms-1 is
shown. Both traces can be seen to reach an amplitude of
~15 GPa. The rise time of both gages is approximately
200 ns. This amplitude, along with the time spacing (Dt)
was used to determine the equation of state of the three
alloys, in terms of shock stress, shock velocity, and
particle velocity. In Figure 4, we present the variation of
shock velocity with particle velocity for the three
materials and also include the Ni data from Marsh[35]
for comparison. All three materials over the experimen-
tal range studied are seen to display linear US-up
behavior as deﬁned by
US ¼ c0 þ Sup ½5
where c0 and S are the shock parameters. It can be seen
that the current shock results for the pure Ni are
essentially identical to those of Marsh,[35] providing
additional conﬁdence in our own measurements. It can
also be seen that the response for both Ni and the simple
Ni-Co alloy are similar. This is not unexpected as it has
been seen in simple binary alloy systems that the
equation of state is often similar.[42,43] It is noted that
the slope of US-up for Ni3Al is somewhat higher than
that of Ni and the Ni-60Co alloy, suggesting that this
ordered intermetallic material is more compressible. The
Hugoniots of the three alloys (also including the data of
Marsh for Ni) are presented in Figure 5.
The curve ﬁts are calculated hydrodynamic pressure
(PHD), calculated according to
PHD ¼ q0USup ½6
The Hugoniots of these materials are observed to be
similar in terms of stress, but the calculated hydrody-
namic pressures are more signiﬁcant. As seen in
Figure 5, the behavior of pure Ni and Ni-60Co are
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essentially indistinguishable, while the slope of the
Hugoniot of Ni3Al is lower, as would be expected from
its lower density (Table II) and the higher value of S.
In Figure 6, we show representative back surface gage
traces from Ni3Al and Ni-60Co. All three traces display
the characteristic ‘‘pull-back’’ signal response in stress
that typically characterizes dynamic tensile (spall) fail-
ure in shock-loaded materials. In the case of the Ni3Al
traces, a step is also observed on the initial rising part of
the traces. This is due to the separation between the
elastic and inelastic parts of the shock front, and thus is
the elastic limit of the material. Also observe that the
level of the elastic limit decreases with shock propaga-
tion distance, the so-called elastic precursor decay. No
such response is noted in the Ni-60Co trace (or indeed in
the pure Ni traces either). We believe that the HEL in
both Ni and the Ni-60Co alloy are so low that the stress
gages used in this investigation could not resolve them.
Also note that in the case of the Ni-60Co trace, there is a
sharp dip immediately prior to the rising part of the
shock front. This is the result of capacitive linking
between the metallic sample and the electrically active
stress gage. It is an indication of a rapidly accelerating
sample toward the gage, showing the planar nature of
the shock front to the gage. A more detailed explanation
can be found elsewhere.[44] Figure 7 presents represen-
tative lateral stress measurements for all three materials.
The value of stress in the trace label is the impact
stress at which the sample was loaded. The three traces
presented are typical of the lateral stress responses in all
Fig. 1—Schematic of shock targets and gage placements: (a) equation-of-state measurement, (b) spallation measurement, and (c) lateral stress
measurement.
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three alloys. It can be observed that they all display
features in common including a rapid rise to a sharp
peak followed by a shallower relaxation in lateral stress
behind the shock front before releases enter the gage
location and reduce the measured stress back toward
ambient. The peak is an electrical eﬀect due to the
rapidly rising nature of the shock wave.[44] The relax-
ation that follows implies an increase in shear strength
behind the shock front, according to Eq. [4] and
assuming a constant level of longitudinal stress for the
pulse duration. Such behavior has been observed in
other materials including some intermetallics, such as
those based on c-titanium aluminides[45] and the shape
memory alloy NiTi,[46] the engineering alloy Ti-6Al-
4V,[47] and some polymers.[48–50] This is an indication
that events do not occur instantaneously in the shock
front, but rather have a time dependence.
In the subsequent ﬁgures, we show how the shock-
induced mechanical responses of these three alloys vary
with pulse duration and shock amplitude. In Figure 8,
Table I. Composition of Ni and Ni-60Co, in Weight Percent
Pure Ni
C Si Mn P S Al Co Cr
<0.0005 0.002 <0.001 <0.001 <0.001 <0.001 0.021 <0.001
Cu Fe Mg Ni Ti Pb ppm Zn ppm O
0.021 0.008 <0.001 bal. <0.001 <5 <10 0.0058
Ni 60 Wt Pct Co
C Si Mn P S Al Co Cr
0.004 0.002 <0.001 <0.005 <0.001 <0.001 bal. 0.001
Cu Fe Mo Nb Ni Ta Ti V
0.003 0.006 <0.001 <0.001 41.9 0.003 <0.001 <0.001
Fig. 2—As-received microstructures of the Ni alloys under investigation: (a) pure Ni, (b) Ni-60 pct Co, and (c) Ni3Al.
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we present the variation of spall strength with pulse
duration (or in this case, specimen thickness). Simple
straight lines have been ﬁtted to indicate trends. As can
be seen, each alloy displays vastly diﬀerent trends.
Although the trend for Ni indicates a slight decrease in
spall strength, overall, we believe that there is no
signiﬁcant change with pulse duration. On the other
hand, the Ni-60Co alloys show a clear increase, while in
contrast the Ni3Al shows a clear decrease.
In Figure 9, the variation of spall strength with shock
stress amplitude is shown. As with the eﬀects of shock
duration, clear diﬀerences can be seen in the response
according to shock amplitude. Although both Ni and
Ni-60Co show an increase in their spall strengths, in the
case of the Ni-60Co alloy, that variation with shock
stress is much greater. With Ni3Al, the situation is
somewhat more complex. Although spall strength ini-
tially increases quite rapidly (comparable to that of
Ni-60Co), it reaches a peak value at ~6 GPa before
decreasing at higher stresses. This signiﬁcant change in
spall strength is an excellent example of how alloying of
the base element can lead to major diﬀerences in high-
strain rate/shock-loading mechanical response.
In Figure 10, we present the variation of shear
strength with shock amplitude. The values of lateral
stress chosen to determine this parameter are indicated
in Figure 7 by the arrows. Figure 10 demonstrates that
for each alloy there is an overall increase in shear
strength with increasing longitudinal stress amplitude,
but as before signiﬁcant diﬀerences in the responses of
the three Ni-based materials is observed. It is interesting
to note that the Ni-60Co displays a lower shear strength
than the pure Ni, when one would perhaps expect as an
alloyed material for it to be the stronger. In the case of
the Ni3Al, shear strength is observed to increase to a
peak at an impact stress of ~6 GPa before decreasing
thereafter. This is the same trend as was observed in the
previous ﬁgure that plotted spall strength vs longitudinal
Table II. Acoustic and Materials Properties
Properties Ni3Al Ni Ni-60 Co
Longitudinal sound speed cL, mm ls
-1 6.23 ± 0.03 5.83 ± 0.03 5.80 ± 0.03
Shear sound speed cS, mm ls
-1 3.17 ± 0.03 3.03 ± 0.03 3.04 ± 0.03
Bulk sound speed cB, mm ls
-1 5.04 ± 0.03 4.66 ± 0.03 4.61 ± 0.03
Ambient density q0, g cm
-3 7.40 ± 0.01 8.90 ± 0.01 8.78 ± 0.01
Bulk modulus K, GPa 188.0 193.6 187.2
Shear modulus l, GPa 74.4 81.7 81.1
Poissons ratio m 0.325 0.315 0.31
Grain size, lm ~40 ~200 ~100
Fig. 3—Longitudinal gage traces for Ni. Stresses were induced using
a 5-mm copper ﬂyer plate at 730 m s-1.
Fig. 4—Shock velocity vs particle velocity for Ni, Ni-60Co, and
Ni3Al.
Fig. 5—Hugoniots of Ni, Ni-60Co, and Ni3Al.
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stress amplitude. In Figure 7, we noted that the lateral
stress in all materials under investigation showed a
pronounced decrease behind the shock front. In Fig-
ure 11, we quantify this change in behavior, and plot it
against the longitudinal stress amplitude.
These show similar trends to what has been observed
previously, with the pure Ni showing near constant
behavior with amplitude, Ni-60Co increasing rapidly,
and Ni3Al reaching a peak at ~6 GPa before decreasing
thereafter. Although spall (1-D tension) and shear
behind the shock are reﬂections of very diﬀerent
components of strength response of materials subjected
to shock wave loading, the fact that the previous four
ﬁgures are each displaying similar trends for all three
materials suggests common underlying mechanical and
microstructural mechanisms are operating.
Finally, in Figure 12, we present optical micrographs
of the recovered samples following shock loading. As
detailed ‘‘soft’’ shock recovery sample assemblies, such
as those described by Gray[17] to ensure full lateral
momentum trapping were not used in these tests,
contributions of an element of lateral release will have
inﬂuenced the resultant microstructures in the recovered
samples. Nevertheless, a qualitative assessment of the
microstructural changes in the three Ni-based materials
can still be made, and gross diﬀerences should be
obvious.
In the case of the pure Ni, little evidence of deforma-
tion is seen to be readily observable in the recovered
sample as observed using optical metallography, this
being consistent with a purely dislocation based
Fig. 6—Back surface gage traces in Ni alloys. (a) Ni3Al, impact stress ~6.4 GPa; and (b) 10-mm Ni-60Co, 5.5-mm dural ﬂyer at 500 m s-1.
Fig. 7—Lateral stress traces in Ni, Ni-60Co, and Ni3Al.
Fig. 8—Variation of spall strength with specimen thickness (pulse
duration).
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deformation mechanism, which would not be expected
to manifest itself on the optical scale. In contrast, the
Ni-60Co, exhibits the presence of a signiﬁcant number
of deformation twins within the microstructure follow-
ing shock loading. Again, this is to be expected given the
low SFE of this particular alloy and the known strong
dependency of twin formation on SFE. The Ni3Al also
suggests some isolated evidence of planar slip and
twinning, although the sample was recovered at a lower
stress. However, deﬁnitive quantiﬁcation if these planar
features are in fact twins requires detailed transmission
electron and diﬀraction analysis, which is beyond the
scope of the current study. The presence of twins in
the Ni3Al, if conﬁrmed, would be consistent with the
previous TEM analysis of Albert and Gray,[27] who
documented deformation twinning in this material
following shock prestraining.
V. DISCUSSION
The purpose of this investigation was to examine the
mechanical responses of pure Ni and two Ni-based
alloys subjected to shock wave loading. The two Ni-
based alloys were speciﬁcally chosen to be single-phase
fcc structures: Ni-60 wt pct Co possessing a reduced
SFE and Ni3Al, which represents an ordered fcc lattice-
structured intermetallic. It will also be noticed that these
two alloys are the basis of the two main phases present
in Ni-based superalloys, namely, a solid solution based
on Ni with a second intermetallic phase based on Ni3Al.
Therefore, study of these materials oﬀers the promise of
providing insight into the behavior of superalloys.
The ﬁrst point to address is the shock-induced
equation of state, in terms of the shock stress and shock
velocity (Figures 4 and 5). From Figure 5, it can be seen
that the Hugoniot (stress-particle velocity) of all three
Ni-based materials displays nearly identical behavior,
suggesting that the compressive responses of these
materials is similar. This is a common feature previously
documented within other related alloy systems, for
example iron and low carbon steels[42] and tungsten-
based alloys.[43] The situation with the shock velocity–
particle velocity relationship (Figure 4) is somewhat
more interesting. Notice that the Ni and the Ni-60Co
alloy display nearly identical responses, while that of
Ni3Al is considerably steeper (a higher value of S). The
values of c0 and S derived from these curves are purely
empirical. However, in simple metals, Davison and
Graham[1] have suggested that c0 (the zero particle
velocity intercept of shock velocity) should correlate
with the bulk sound speed, while S is related to the ﬁrst
pressure derivative of the bulk modulus. Concerning
the latter, most materials have a value of S between 1
and 2,[35] thus making direct comparison between
materials based solely on this parameter diﬃcult.
However, where the materials are related either through
crystal structure or chemistry (as in the case of the three
alloys under investigation in this study), a direct
comparison is possible. In this case, the comparison
indicates that Ni3Al is somewhat more compressible
than either pure Ni or the Ni-60Co alloy. This is
Fig. 9—Variation of spall strength with shock amplitude (at con-
stant specimen thickness).
Fig. 10—Variation of shear strength with shock amplitude.
Fig. 11—Rate of change of lateral stress behind the shock front and
its variation with shock amplitude.
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somewhat surprising based on insights gleaned from the
literature, given that the intermetallic has an ordered
crystal structure which one might think would suggest a
stiﬀer response to shock loading based upon the more
restricted plasticity aﬀorded through the ordered matrix
structure. Examination of the three Ni-based materials
data presented in Table II shows that the bulk moduli
of all three Ni-based materials are nearly identical, but
that the shear modulus of Ni3Al is slightly lower and
the Poissons ratio slightly higher than the pure Ni or
Ni-60Co alloy, suggesting at least a qualitative indica-
tion that the compressibility of Ni3Al is higher than the
other two Ni-based materials studied.
The major focus of this article was to quantify the
eﬀect of alloying on the mechanical response of Ni
during shock loading. In doing so, we have investigated
this in terms of the applied impact stress (spall strength
(Figure 9) and shear strength (Figure 10)) and peak
shock pulse duration (spall strength (Figure 8) and rate
of change of lateral stress behind the shock front
(Figure 11)). Examination of these ﬁgures suggests
similarities between each measurement type (spall
strength and shear strength), indicating that the under-
lying deformation mechanisms in Ni, Ni-60Co, and
Ni3Al control the shock-induced mechanical properties.
First, the variation with shock amplitude will be
considered. In terms of both spall resistance and shear
strength, the same qualitative responses appear to be
evident, namely, that in the case of pure Ni and the
Ni-60Co, there is an increase in shear strength with peak
shock amplitude, and in the case of Ni3Al, there is an
initial increase up to a peak shock stress of ~7 GPa
before decreasing thereafter. However, we note with
interest that in the case of spallation (Figure 9), the
Ni-60Co is clearly stronger than pure Ni, while in the
case of shear strength (Figure 10), the situation is
reversed with Ni displaying the higher strength value.
In terms of peak shock stress pulse duration, it can be
seen for spallation that the pull back signal in Ni is near
constant, increases for the Ni-60 wt pct Co alloy, and
decreases markedly in the case of Ni3Al. In terms of the
rate of change of the lateral stress behind the shock
front, the pure Ni displays a nearly constant behavior,
the Ni-60Co increases its lateral stress behind the shock,
Fig. 12—Optical micrographs of recovered samples after shock loading: (a) pure Ni, 6 GPa; (b) Ni-60 Co, 6 GPa; and (c) Ni3Al, 2 GPa.
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and Ni3Al reaches a peak at ~7 GPa before decreasing
again. This suggests that in the case of the latter two
materials, there is a time dependence in their shock
responses; i.e., kinetic aspects of shock generation/
storage processes are operative during shock loading in
these materials.
The most straightforward results to compare between
the three Ni-based materials are the shear strengths as a
function of shock amplitude (Figure 10), because these
measurements were taken with a manganin stress gage
placed within the material during loading and thus is
time independent. The most striking feature in this
comparison of material responses is that the pure Ni
displays a higher shear strength than the Ni-60Co,
whereas it might be expected that the reverse situation
would apply. An explanation can be postulated from
considering the deformation mechanisms operative in
each material. In the case of pure Ni, shock-induced
deformation has been shown by a number of
authors[15,18] to occur via the formation of dislocations
that relax into dislocation cells. Although Ni-60Co has
not been investigated speciﬁcally in terms of its shock-
induced microstructure using ‘‘soft’’ shock recovery
methods,[17] other low-SFE materials such as copper-
aluminum alloys[4–7] have been examined in detail, and
the importance of an increased incidence of deformation
twinning consistent with the reduced SFE suggests itself.
In the case of Cu-Al alloys, Rohatgi et al.[4–7] dem-
onstrated an increasing propensity to form deformation
twins as the aluminum content increased, and thus SFE
decreased. As twinning became increasingly dominant,
dislocation generation and storage was less dominant.
It is interesting to note that in recovered samples in
the Cu-Al alloy system, postshock hardening compared
to quasi-statically deformed samples was shown to
decrease as the SFE decreased. On the basis of these
studies it appears the eﬃciency of deformation twinning
itself has a greatly reduced strengthening eﬀect com-
pared to dislocation generation and storage during
shock wave loading. Comparison of the recovered
microstructures in Figure 12 shows that in the Ni-60Co
there is signiﬁcant formation of deformation twins,
while in the pure Ni shock prestrained sample, no
evidence of such behavior was noted. Therefore, taking
all these defect generation and storage mechanisms into
consideration, it is perhaps not surprising that the pure
Ni exhibits a higher shear strength than the low SFE
Ni-60Co. In the case of the Ni3Al ordered intermetallic
alloy, the situation is somewhat more complex, given
that the material initially strengthens, before undergoing
a reduction at a shock amplitude of ~7 GPa.
The shock recovery work conducted by Albert and
Gray[27] shows that Ni3Al deforms by a mixture of
dislocation activity and deformation twinning, thus one
might expect a similar response to that exhibited by the
Ni-60 wt pct Co alloy. However, an additional factor
is clearly inﬂuencing the shock-hardening response of
Ni3Al. In the variation of spall strength with shock
amplitude data for Ni3Al (Figure 9), the same basic
response with peak shock stress is repeated with a peak
strength at ~7 GPa, before reducing as the peak shock
stress amplitude increases. One possible cause is an
increasingly brittle response, due to exhaustion in its
strain hardening, as the material displays a reduced
ability to accommodate the imposed strain via plasticity.
In a previous study[34] it was noted that unlike pure Ni,
which was recovered largely intact, if heavily deformed,
Ni3Al, was recovered as a series of fragments following
shock prestraining, and size decreased with increasing
peak shock stress amplitude. Metallographic examina-
tion of the Ni3Al fragments displayed extensive inter-
granular failure with little evidence of bulk plasticity.
With both pure Ni and the Ni-60Co, the alloy is clearly
the stronger reversing the trends shown in Figure 10.
The reasons are not immediately clear, but the diﬀer-
ences between these two measurement techniques should
be kept in mind. A shear strength measurement consists
of placing a stress gage within the material subjected to
shock loading, and thus can be considered time inde-
pendent. In contrast, a spall measurement requires that
a stress gage be supported on the rear surface of a target
assembly with a block of PMMA. The spall experiment
itself is designed such that the tensile interaction
between releases from the rear of the ﬂyer plate and
target take place within the target plate. Therefore, the
stress gage is remote from this location and is dependent
upon information being transmitted from the spall plane
to the rear surface. Further, this type of measurement is
also time integrated as the sample will have been loaded
to a peak shock stress, held at that peak shock stress
deﬁned by the thickness of the ﬂyer plate, and partially
unloaded before spallation is induced within the sample
material. The combined eﬀect of all of these factors is
known to be complex and thus, will have a signiﬁcant
eﬀect upon the ﬁnal response of the material subjected
to spallation loading.
The pulse duration eﬀects are equally illuminating. In
Figure 8, the variation of spall strength with specimen
thickness (in eﬀect duration) shows that for the pure Ni
the spall strength is near constant, the Ni-60Co displays
a rapid increase, and Ni3Al shows a decrease. From a
discussion of the previous results and their variations
with peak shock stress amplitude, combined with the
observations of others[27] showing that Ni3Al accom-
modates some of the shock-induced plasticity by twin-
ning, might lead one to expect it to behave in a similar
manner to the Ni-60Co. However, the intergranular
failure demonstrated in a previous work[34] suggests that
brittle fracture also has an important role in the shock-
induced deformation of Ni3Al. A reduction in spall
strength with pulse duration has also been observed in
various grades of alumina.[51] Although this issue was
not speciﬁcally addressed in the previous work in the
literature, it would seem likely that brittle failure would
have a signiﬁcant role, and thus we believe that at least
some of the spall response of Ni3Al is controlled in a
similar fashion. In the case of pure Ni, the fact that the
spall strength appears to be nearly constant as a
function of pulse duration suggests that the shock-
induced microstructure reaches its equilibrium state
quite quickly. In contrast, the Ni-60Co deformation
takes longer to reach this equilibrium, and the results
presented here suggest that for the imposed loading
conditions has not reached that point. A similar
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situation is presented in Figure 11, where the rate of
change of the lateral stress with time (behind the shock
front) with peak shock stress amplitude shows that the
behavior of pure Ni is nearly constant, the Ni-60Co
rapidly increases, and Ni3Al reaches a peak response at
~7 GPa peak shock stress before leveling or decreasing
slightly.
Taking all of these results into account, it is possible
to propose how these variations of alloying aﬀect the
response of Ni and its alloys to shock loading. In the
case of pure Ni, the response is well known with Murr
and Kuhlmann-Wilsdorf[12] showing that it deforms via
dislocation generation and storage in well-formed cells,
reaching steady state conditions (at ~20 GPa) between
0.5 and 1 ls. As SFE is reduced (as in the case in the Ni-
60Co or Cu-Al alloys discussed earlier), the separation
of partial dislocations increases, thus reducing the
eﬀective mobility of dislocations to cross-slip and
therefore work-harden via the storage of increasing
dislocation line length. Under shock loading conditions,
the mobility of these partials will be low enough that not
all of the applied deformation can be accommodated by
dislocation generation and motion, hence deformation
twinning becomes increasingly important. However, the
results (and in particular the variation of the spall
strength with pulse duration at peak shock stress),
suggests that twin formation occurs extremely rapidly,
possibly within the shock front itself, and that further
deformation is accommodated via dislocation genera-
tion and storage. In contrast, Ni (which deforms
principally via dislocation generation) reaches a steady
state quite quickly, hence the stable behavior shown in
Figures 8 and 11. However, these results also suggest
that if measurements were made in pure Ni at very short
pulse durations, a hardening response might well be
observed consistent with the results of Follansbee and
Gray.[16]
The brittle behavior of shock-loaded Ni3Al is some-
what surprising, given that the aluminum lean, boron-
doped composition studied in this work would suggest
that it should be ductile based on literature data. In fact,
its response is reminiscent of ‘‘pure’’ Ni3Al deformed at
quasi-static strain rates. The role of boron has been
discussed by a number of authors,[21,23,52] where it has
been suggested that it segregates to grain boundaries
thereby strengthening them, or to dislocations and
superlattice intrinsic stacking faults (SSIFs). In the case
of the latter, it has been proposed that boron modiﬁes
SSIF dissociated superdislocation to antiphase bound-
ary (APB) bounded pairs, thus increasing their mobility.
This would have the eﬀect of ‘‘softening’’ the grain
interiors, and thus reducing the discrepancy in strength
between the grains and their boundaries, thus facilitat-
ing transmission of slip across grain boundaries. There-
fore, two possible mechanisms exist to explain the low
ductility in the shock-loaded Ni3Al. First, the extreme
strain rates encountered during shock loading would,
through the generation of Kear–Wilsdorf locks,[24] result
in very high rates of work hardening within the grains,
thus increasing the strengths of those grains relative to
the grain boundaries and increasing the likelihood of
grain boundary failure. Alternatively, we need to con-
sider the role of boron itself. At quasi-static strain rates
deformation is dependent in part at least on the
modiﬁcation of dislocations. Due to the interstitial
nature of borons solution in Ni3Al its diﬀusion velocity
will be high, and thus under quasi-static strain rates it
will be able to move with the dislocations themselves.
However, during shock loading dislocation motion will
be extremely fast, and the boron will be unable to move
with the dislocations. As some of the boron will have
segregated to those dislocations, they will be moving
into boron-deﬁcient regions. In eﬀect, the Ni3Al will be
behaving as though no boron is present. Therefore, it
appears as though the ductilization of Ni3Al with boron
is less eﬀective at shock-induced strain rates.
VI. CONCLUSIONS
A series of plate impact experiments have been
performed on pure Ni, Ni-60Co, and Ni3Al to investi-
gate the eﬀects of solid solution alloys and crystallo-
graphic ordering on the shock response of Ni-based
alloys. In the case of the solid solution alloy, Ni-60Co,
the reduction in the SFE led to a shift from a purely
dislocation-based deformation mechanism to one more
dominated by deformation twin formation. This was
manifest in the shock-induced mechanical properties as
a decrease in shear strength behind the shock front, an
increase in the hardening rate behind the shock front,
and a strong positive dependence upon pulse duration
of the dynamic tensile (spall) strength. It has been
proposed that the shift from dislocation to twin
dominated deformation has increased the time taken
for the deformation microstructure to reach its steady
state, and thus manifests itself on the measured post-
shock prestrained mechanical properties. In the case of
Ni3Al, it has been shown that the material, while
undergoing an initial increase in spall and shear strength
with increasing peak shock amplitude, shows a sub-
sequent decrease a stresses greater than ~7 GPa. It has
also been shown that spall strength reduces with pulse
duration as well. In combination with recovery exper-
iments from a previous work, we believe that some of
the applied shock-induced deformation is accommo-
dated by brittle failure, in contrast to the expected
ductility displayed at quasi-static strain rates. We
believe that under shock loading conditions, dislocation
motion is so fast that boron is eﬀectively removed from
the mobile dislocations, thus rendering boron-assisted
ductility ineﬀective.
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